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ABSTRACT: Poly(w-pentadecalactone) (PPDL), a model DLt
polymer in the poly(w-hydroxyl fatty acids) family, is a new
biopolymer with monomer synthesized by yeast-catalyzed
w-hydroxylation of fatty acids. In this study, deformation-induced
structural changes in two PPDL samples with different molec-
ular weights were studied by in situ wide-angle X-ray diffraction
(WAXD) and small-angle X-ray scattering (SAXS) techniques.
The high molecular weight PPDL (PPDL-high) sample exhib-  coua ) LN
ited notable strain hardening, while the low molecular weight
PPDL (PPDL-low) sample did not. The behavior can be
explained by the entanglement density concept. The evolution
of crystallinity (from WAXD) as a function of strain could be
divided into four distinct regions, but their respective mechan-
isms differ slightly in each sample. During stretching, a mesomorphic phase formed in both samples, bridging between the
amorphous and strain-induced crystal phases. The SAXS data verified the effect of molecular weight (or the entanglement density)
on the deformation-induced structure of PPDL. The parameters of chain orientation factor (f) calculated from the orthorhombic
crystal cell as well as the nonorthorhombic crystal cell proposed by Wilchinsky were used to follow the orientation process during
stretching of PPDLs. It was found that the different molecular entanglement network (i.e., PPDL-low versus PPDL-high) led to
different crystal orientation behavior, especially in the low strain range.
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H INTRODUCTION stages of elastic deformation, plastic deformation, fragmentation
of lamellar structure, and formation of a fibrillar structure upon
stretching. Based on another viewpoint, the deformation me-
chanism in semicrystalline polymers can also include interlamel-
lar and intralamellar slipping of superstructure, chain pull-out
from folded-chain lamellae (sometimes termed mechanically

It is well-known that the deformation-induced structure change in
semicrystalline polymers can allow the manipulation of mechanical
properties.' > Upon deformation, the isotropic structure of poly-
meric materials can be transformed into an anisotropic structure due
to the orientation of polymer chains. Hence, the mechanisms of such ; - et -
transformations and how they are related to the resulting morphol- induced m.eltmg), anldmr_elc:ystalhzatlon to form orlelrslted ex-
ogy, structure, and physicomechanical properties are of great tended-chaln. crystals.” . For ex:f\mple, $U0b1 et al. > argued
scientific interest and practical importance in polymer science.' that the tensile def.ormat{on of semlcr.ystalhne polymers can .be
It is also understood that when crystalline polymers are in the molten Vlewefi as a stretching f’f interpenetrating networks of f:rystallme
state, chains are entangled in a dynamic manner. As the temperature dorrllams (blost).. In hlS model,. crystalline blocks can slip at small
is reduced, some chains can crystallize and the entanglement points strains, resulting in disintegration and recrystallization above a

are excluded from the crystalline domains and become concentrated critical stress. During deformation of certlzéigz Zpolymers, poly-
in the interlamellar amorphous regions.® Thus, the concentration morphic transformations can also take place. The metastable
and distribution of chain entanglements in interlamellar amorphous crystal structure prevails under strained conditions because of
. . DD 16-18
regions would affect the final mechanical properties.”® The mechan- reducleﬁ éelntropy. Th;sz behavior haslzl;)een observed for iPP,
ical properties of semicrystalline polymeric materials are also influ- PET, and PLA.™ Hsiao et al, " based on the experimental
enced by crystallinity, crystalline structure and morphology, results of iPP, proposed the concept of “entanglement-induced tie
amorphous chain orientation, distribution, and concentration of tie chains” and hypothesized that the existence of chain entangle-
chains in the interlamellar amorphous regions.*>”® A great number ments in interlamellar amorphous regions affects the tie chain

of mechanisms have been proposed to correlate the structure and

property relationships. For example, Peterlin™'® reported that Received:  December 28, 2010
isotactic polypropylene (iPP) spherulites can be transformed Revised: ~ March 13,2011
into oriented fibrils above its yield point by passing through Published: April 26, 2011
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Figure 1. Deconvolution of isotropic and anisotropic contributions
from a Fraser-corrected 2D WAXD pattern.

distribution, where the strength of the entanglement network can
influence the stability of adjacent crystalline lamellae. They
hypothesized that, at low temperatures, entanglements can be
considered frozen due to low chain mobility; at high temperatures,
disentanglement may occur during stretching by chain slippage.
This concept was supported by the observation of strain-induced
mesomorphic phase at lower temperatures but not at high tem-
peratures during iPP stretching.

For ductile semicrystalline polymers, the engineering stress—
strain curve usually exhibits four regions. Manson et al.>” assigned
these four regions as (I) linear and nonlinear viscoelasticity, (II)
neck region/strain softening, (III) plastic flow, and (IV) strain
hardening. Many studies on the strain hardening behavior have
been carried out”*> ** from theoretical and experimental per-
spectives. They all indicate that the molecular entanglement
network dictates the strain hardening behavior. For example,
Kennedy and Mandlekern et al>®*' contend that the upsweep
behavior in the stress—strain curve is mainly due to strain-induced
crystallization orientation.

Poly(w-hydroxy fatty acids), P(w-OHFAs), have structures
similar to polyethylene (PE) but with ester groups separated by
generally 13—17 methylene (CH,) units, dependent on the
chain length from which @-OHFAs are derived. P(w-HOFAs)
can retain the biodegradability in bioactive environments while
sharing the common problems of existing bio-based materials
(e.g., poly(lactic acid) and microbial polyesters) such as hydro-
lytic stability, shelf life, and brittleness.>* ** P(w-HOFAs) can
also overcome the shortcomings of PE, such as low surface
chemical reactivity that results in poor adhesion in laminates,

blends (e.%., with polyamides and polyesters), and composite
materials.” >” However, »-OHFAs are difficult and expensive
to prepare by traditional organic synthesis, limiting their usage in
commodity materials. A recent report by us describes the
engineering of diploid yeast Candida tropicalis to produce
commercially viable yields of w-hydroxy fatty acids.>® In one
experiment, volumetric yields exceeding 160 g/L of 14-hydro-
xytetradecanoic acid (w-OHC14) during a 140 h fermentation
was obtained.

Poly(w-pentadecalactone) (PPDL) is an excellent model
polymer for poly(w-hydroxyl fatty acids) since it has 14 methy-
lene units between ester moieties along the chain. The compo-
nent w-pentadecalactone (PDL) is currently synthesized by a
tedious chemical route from petrochemical feedstocks and is
primarily manufactured for use in fragrances.”> A convenient
route to synthesize PPDL is via lipase-catalyzed ring-opening
polymerization.**”** Previous studies in our laboratory with
collaborators have investigated the PPDL crystal structure,*
crystallization and morphology,*® and mechanical properties.*>*®

In the present study, two PPDL samples differing in molecular
weight (M,, = 40000, M,,/M, = 2.7; M,, = 204000, M,,/M,, =
1.6) were synthesized and investigated to determine their
deformation mechanism during uniaxial stretching. The stress—
strain curves of these two molecular weight PPDL samples differ
each other in that a strain-hardening region before fracture was
observed in higher M,, PPDL, but not in lower M, PPDL. In
order to gain a better understanding of the deformation behavior
of P(w-HOFAs), work performed herein using lower and higher
M,, PPDL focused on elucidating the changes in morphology and
crystal structure during uniaxial stretching by using simultaneous
synchrotron wide-angle X-ray diffraction (WAXD) and small-
angle X-ray scattering (SAXS) techniques. Important insights
resulting from this work include how the mesomorphic phase can
bridge the transformation between crystal and amorphous phases
during stretching. Furthermore, the molecular entanglement
network was found to play a dominant role in the deformation
mechanism at room temperature. The deformation behavior of
PPDL and high-density polyethylene (HDPE)*® were further
compared due to their structural similarity.

B EXPERIMENTAL SECTION

Materials. Samples of w-pentadecalactone (PDL, 98%) and anhy-
drous p-xylene (>99%) were purchased from Aldrich Chemical Co. and
were used as received. Chloroform was purchased from PHARMCO-
AAPER Inc. (>99.9%). Anhydrous toluene (98%), purchased from
Aldrich Chemical Co., was dried over sodium and then distilled under
nitrogen. Novozym 435 (specific activity 10000 PLU/g) was provided
by Novozymes (Bagsvaerd, Denmark) and consisted of Candida Ant-
arctica Lipase B (CALB) adsorbed within the macroporous resin Lewatit
VPOC 1600 (poly[methyl methacrylate-co-butyl methacrylate], sup-
plied by Bayer).

Sample Preparation. The experimental method for PPDL synth-
esis was the same as that described elsewhere,*®****” except for the
following modifications: The reaction temperature was increased from
70 to 85 °C, the magnetic stirrer was changed to a glass overhead stirrer,
predried 3 A sieves was added to the reaction mixture, and the round-
bottom flask and glass stirrer bar were flame-dried before adding
monomer and toluene solvent.

GPC Characterization. Molecular weight of PPDL samples was
determined by gel permeation chromatography (GPC) using the Waters
HPLC system, where the procedures has been described elsewhere.*""*®
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Figure 2. Engineering stress—strain curve and selected 2D SAXS and WAXD patterns acquired during uniaxial tensile deformation of PPDL-low.

The number-average molecular weight (M,) and weight-average mo-
lecular weight (M,,) were determined based on a calibration curve
generated by narrow molecular weight polystyrene standards (Aldrich
Chemical Co).

Characterizations of WAXD and SAXS during Uniaxial
Stretching. In situ wide-angle X-ray diffraction (WAXD) and small-
angle X-ray scattering (SAXS) measurements were carried out at the
X27C beamline in the national Synchrotron Light Source (NSLS),
Brookhaven National laboratory (BNL). The wavelength of the syn-
chrotron radiation was 0.1371 nm. A three-pinhole collimation system
was used to reduce the beam size to 0.6 mm in diameter. Two-
dimensional (2D) WAXD and SAXS patterns were collected by using
a Mar CCD X-ray detector (MAR-USA), having a resolution of 1024 x
1024 pixels (pixel size = 158.44 um). The typical image acquisition time
was 15 s for each data frame. The sample-to-detector distance was 1924 mm
for SAXS (calibrated by a silver behenate (AgBe) standard) and 116 mm
for WAXD (calibrated by an aluminum oxide (Al,Os) standard). All
X-ray images were corrected for background scattering, air scattering,
and beam fluctuations.

Uniaxial tensile deformation was performed using a modified Instron
4442 tensile apparatus, which stretched the sample bar symmetrically.
The symmetric stretching ensured that the focused X-ray beam could
illuminate the same sample position during deformation. Dumbbell-
shaped sample bars with dimensions of 20.0 mm (length) X 4.0 mm
(neck width) x 1.5 mm (thickness) were prepared by press-molding at
130 °C and subsequent quenching to ambient temperature. A constant
deformation rate of 2 mm/min was applied to the specimen throughout

the deformation study at 25 °C. The Merlin software was used to collect
and analyze the tensile results. The stress and strain mentioned in this
study were all engineering stress and engineering strain.

X-ray Data Analysis. Semiquantitative SAXS analysis was per-
formed to determine the changes of lamellar structure (e.g., long period
spacing) during stretching from the meridionally projected scattering
peaks.*® For WAXD analysis, emphasis was given to the phase structure
change and crystal orientation. All 2D WAXD patterns were first
corrected by the Fraser method to compensate for the effect of flat-
plate detection®® and were then corrected for background (including air)
scattering. The corrected pattern was deconvoluted into two parts,
isotropic and anisotropic contributions, using the “halo method”
(Figure 1).* The isotropic contribution can be attributed to unoriented
species, including amorphous and unoriented crystal phases, while the
anisotropic contribution can be attributed to oriented species, including
oriented mesomorphic and crystal phases. The principle for this
deconvolution approach is that the azimuthally independent component
in the total scattered profile is directly proportional to the unoriented
fraction of the scatterer, which can be determined as follows. For each
azimuthal scan at a specific scattering angle (26), the minimum value of
the intensity profile is considered as the envelope intensity of the
unoriented species at that angle. By extracting all the minimum values
at all scattering angles, a 2D image of the isotropic contribution is
generated. This isotropic contribution is then subtracted from the total
scattering image, yielding the oriented contribution. Assuming that
stretched samples have cylindrical rotation symmetry and the 2D pattern
can contain the complete information to describe the intensity
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Figure 3. Projected linear SAXS intensity profiles (Ig> vs ) along the meridional direction at different strains during uniaxial tensile deformation of
PPDL-low (A) and PPDL-high (C) and corresponding changes of the long period as a function of strain for PPDL-low (B) and PPDL-high (D).

distribution in reciprocal space, integration over such 2D sections
through 3D reciprocal space will produce the fractions of all phases.
The anisotropic fraction was circularly averaged into a linear intensity
profile, which was deconvoluted into crystal and oriented mesomorphic
phase fractions by using the method of one-dimensional peak fitting.
The same method was also applied to analyze the isotropic contribution,
where fractions of unoriented crystal and amorphous phases were
obtained. The total crystallinity index (hereafter termed crystallinity,
since they are proportional to each other) was estimated by the sum of
the fractions from oriented and unoriented crystal phases.

B RESULTS

Uniaxial Stretching of PPDL M,, =40 000 (PPDL-low). Figure 2
illustrates the engineering stress—strain curve of PPDL-low during
uniaxial tensile deformation at room temperature (25 °C), together
with selected 2D-WAXD and SAXS patterns collected at different
applied strains. It is seen that the orientation of the initial sample was
low. In the initial 2D WAXD pattern, five nearly isotropic diffraction
rings were detected, which were indexed (from inner to outer) as
(001), (110), (200), (120), and (020) reflections according to the
published pseudo-orthorhombic crystal structure of PPDL.** The
corresponding SAXS pattern also exhibited a nearly isotropic ring,
indicating the existence of a lamellar structure with very low
orientation. This observation is in agreement with the existence of
spherulitic structure observed by AFM.* The long period, that is,
the average distance between adjacent lamellae, was estimated from
the projected scattering peak position of the Ig* vs g plot (= 27/
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see Figure 3A).* The estimated long period at room temperature
before deformation was 21.4 nm.

Necking and plastic flow were observed during stretching. In
the stress—strain curve, stress first reached the maximum value at
strain 14% (i.e., the yield point) and then decreased, followed by
stable propagation before fracture. When the sample length
reached 262% of the initial length, the sample bar fractured.
The strain-hardening phenomenon was not observed for this
relatively low molecular weight PPDL sample.

The corresponding 2D WAXD patterns changed rapidly after
the yield point. The azimuthal spreads of all isotropic diffraction
rings narrowed while diffraction widths broadened, most notably
along the equator. The azimuthal spreads of the (110) and (200)
reflection peaks at different strains are shown in parts A and C of
Figure 4, respectively, indicating a rapid change of azimuthal
spread before and after the yield point. The linear diffraction
intensity profile taken along the equator from WAXD at different
strains is illustrated in Figure SA. Because of the low intensities of
(120) and (020) peaks, and the enhanced y-axis scale, only (110)
and (200) peaks in the nondeformed sample can be observed in
Figure SA. The intensity of the (110) diffraction peak exhibited
rapid and complex changes during stretching in the strain range
between 0 and 60%. The intensity first increased, then decreased,
and subsequently increased. Above 60%, the intensity of the
(110) diffraction peak remained almost constant. For the (200)
diffraction peak, its intensity changed to a much lesser extent
compared to that of (110); above strain 60%, the (200) intensity
also remained constant. The peak broadening and the overlap
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Figure 4. Change of azimuthal profiles of the (110) peak (a, b) and of the (200) peak (c, d) with strain for PPDL-low and PPDL-high, respectively.

between (110) and (200) peaks was observed in the deformed
sample (Figure SA). This can be attributed to the formation of an
oriented mesomorphic phase during stretching. Hsiao et al.'®
obtained similar results during investigations of iPP uniaxial
stretching at 60 °C.

The mass fractions of oriented crystal (OC), unoriented
crystal (UOC), oriented mesomorphic (OMP), and amorphous
(AP) phases are illustrated in Figure 6A. Interestingly, the total
crystallinity (abbreviated as TC, i.e., the sum of oriented crystal
and unoriented crystal fractions) with strain can be divided into
four regions according to the slope change (I, II, II, IV). The first
three regions (I—III) occurred between 0 and 40%, and the IV
region spanned between 40% and 160% strain. In region I
(0—12%), TC increased slightly and fractions of UOC and AP
decreased with strain, while the corresponding fractions of OMP
and OC increased. Further analysis indicated that both OC and
OMP resulted from AP and reorganization of UOC. In region II
(12—25%), TC decreased with strain due to the destruction of
formed OC and reduced transformations of the remaining UOC
fraction and of AP to OC. The OC fraction first decreased and
then increased, and the OMP fraction increased dramatically
throughout region II, while both UOC and AP fractions
decreased with strain. Numerical calculation indicated that OC,
UOC, and AP were transformed into OMP, and the formations
of OC and OMP were both derived from UOC and AP. In region
III (25—40%), TC and OC fractions increased rapidly with
strain, while OMP decreased rapidly and UOC and AP decreased
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slowly. Thus, in region III, increase of OC is primarily due to
transformation of OMP. In region IV (above 40%), the TC
fraction increased slightly, accompanied by a small decrease of
OMP. Hence, in region IV, a small fraction of OMP was trans-
formed to OC.

In Figure 2, the initial isotropic scattering ring in the SAXS
pattern became two-bar like above the yield point, indicating that
crystalline lamellae became aligned perpendicularly to the
stretching direction. Above strain 60%, the projected scattering
intensity was very weak (Figure 3A), which is probably because
the density of the crystal phase is very close to that of the oriented
mesomorphic phase. The two-bar SAXS pattern on the meridian
projected scattering intensity can be explained by the following
events:'® (i) a fraction of lamellar stacks that were parallel (or
partially parallel) to the stretching direction were reoriented due
to the tendency of chain orientation with stretching; (ii) a
fraction of lamellar stacks that were perpendicular (or partially
perpendicular) to the stretching direction became fragmented
due to the chain pulling-out mechanism. Figure 3B shows that
the long period increased slightly from 21.4 to 22.8 nm between
strain 0 and 52% and then decreased drastically from 22.8 to
14.3 nm between strain 52% and 60%. The long period increase
from 21.4 to 22.8 nm can be attributed to the elastic deformation
of PPDL, while the large decrease from 22.8 to 14.3 nm is likely
due to rapid strain-induced crystallization coupled with the
slippage process between fragmented crystal and strain-induced
melting. Above strain 60%, the long period remained almost

dx.doi.org/10.1021/ma102949h |Macromolecules 2011, 44, 3874-3883
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Figure 5. Linear WAXD profiles along the equatorial direction at different
strains during the stretching of PPDL-low (a) and PPDL-high (b).

constant. At the later stage of deformation, the SAXS pattern
exhibited a strong equatorial streak, consistent with formation of
microvoids and strain-induced crystalline fibrils that would occur
when for stretched PPDL-low sample bars that fractured at
strain 162%.

Uniaxial Stretching of PPDL-high. PPDL-high was sub-
jected to uniaxial stretching at room temperature (25 °C). The
resulting engineering stress—strain curve and selected 2D
WAXD and SAXS patterns are displayed in Figure 7. Similar
to PPDL-low, there was a yield point at strain 18% for PPDL-
high. Furthermore, the stress at yield point for PPDL-high
was slightly below that of PPDL-low (19 and 22 MPa,
respectively). In contrast to PPDL-low, PPDL-high exhibited
strain hardening in the stress—strain curve. The initial 2D
WAXD of PPDL showed nearly isotropic diffraction rings
similar to those of PPDL-low (Figure 2). Also, the corre-
sponding 2D WAXD patterns of PPDL-high changed rapidly
after the yield point. In addition, the azimuthal spreads of all
isotropic diffraction rings became narrower and the equatorial
diffraction peak widths broadened. The azimuthal spreads of
the (110) and (200) reflection peaks at different strains are
shown in parts B and D of Figure 4, respectively, indicating
the rapid change of azimuthal spread before and after the
yield point.
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Figure 6. Development of mass fractions of amorphous, mesomorphic,
and crystal (including oriented crystal and unoriented crystal) phases in
PPDL-low (a) and PPDL-high (b) samples. Plot (c) is an expanded

region of plot (b) at low strains.

Figure SB illustrates the linear WAXD intensity profiles of
PPDL-high taken along the equator at different strains. Similar to
PPDL-low, only peaks (110) and (200) were considered since
the intensities of peaks (120) and (020) were too weak. In
contrast to PPDL-low, intensity changes of the PPDL-high (110)
diffraction peak with strain exhibited three distinct regions based
on observed slope changes. In the strain range between 0 and
0.35, the intensity of (110) diffraction peaks decreased with
strain. In the strain range between 0.35 and 1.70, the intensity
of (110) diffraction peaks increased rapidly with strain. Above
strain 1.70, the increase of intensity was slower until fracture. In
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Figure 7. Engineering stress—strain curve and selected 2D SAXS and WAXD patterns acquired during uniaxial tensile deformation of PPDL-high at

room temperature.

contrast, intensity changes of the (200) peak with strain exhibited
two distinct regions based on observed slope changes. At strains
between 0 and 1.70, the intensity increased at a relatively higher
rate, while at strains above 1.70, the intensity increase was much
slower and close to that of the (110) peak. In addition, peak
broadening behavior and the overlap between (110) and (200)
peaks were observed with increasing strain, which was similarly
observed for PPDL-low, indicating the coexistence of crystal and
mesomorphic phases.

Figure 6B illustrates the mass fractions from different phases
(OC,UOC, OMP, and AP), where Figure 6C is the enlarged part
of Figure 6B at low strains. The total crystallinity (TC) was also
divided into four regions according to the slope change, but these
four regions differed from those for PPDL-low. To differentiate
these four regions with those of PPDL-low, they were labeled as
A, B, C, and D. In region A (at strain between 0 and 49%), TC
increased slightly with strain and fractions of OC and OMP
increased drastically with strain, while fractions of UOC and AP
decreased rapidly with strain. Numerical calculations indicated
that, in region A, the formation of OC came not only from UOC
but also from AP, whereas OMP primarily came from reorgani-
zation of UOC and AP. In region B, TC rapidly increased with
strain due to the rapid transformation from OMP and AP into
OC. In region C, the TC fraction slightly increased with strain,
accompanied by a slight decrease in the OMP fraction. In region
D, i.e, the strain-hardening region, the slope of TC increased
with strain compared with that in region C and the OMP fraction
slope correspondingly increased with strain. Interestingly, the
TC fraction before fracture of PPDL-high increased from 44.5%
to 75.4%. In contrast, for PPDL-low, the TC fraction upon

3880

fracture increased from 65.4% to 69.5%. The fractions of the
OMP before fracture in PPDL-high and PPDL-low samples were
22.0% and 28.0%, respectively.

Selected 2D SAXS patterns in Figure 7 indicate the rapid
change of the scattering maximum above the yield point. The
one-dimension meridional projected scattered intensity plots of
Iq* vs q and the long period change with strain are shown in parts
C and D of Figure 3, respectively. Figure 3D indicates that the
long period of the initial PPDL-high sample was 22.3 nm; as
strain increased from 0 to 50%, the long period increased to
25.7 nm. The increase in the PPDL-high long period was 2.5
times that of PPDL-low within the same strain range. At strain
between 50% and 70%, the long period decreased dramatically
from 25.7 to 15.3 nm (10.4 nm decrease), whereas PPDL-low
decreased by 8.4 nm over the same strain range. At strains above
70%, the long period for both PPDL-low and PPDL-high
remained almost constant until fracture.

Crystal Orientation. To compare crystal orientation
changes with strain for PPDL-low and PPDL-high, azimuthal
angle spreads of (110) and (200) crystal planes of the two
samples were selected and the results are shown in Figure 4.
Azimuthal angle spreads of (110) and (200) rapidly became
narrow, while the crystal orientation of PPDL-low changed
more rapidly than that of PPDL-high. The chain orientation
factor (f) in the crystal structure was calculated by the Her-
mans’ function (eq 1)**

fe 3(c0322¢> —1 (1)

where ¢ is the angle between the chain axis and the reference

dx.doi.org/10.1021/ma102949h |Macromolecules 2011, 44, 3874-3883
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Figure 8. Hermans’ orientation factor of the crystal chain axis deter-
mined as a function of strain for PPDL-low and PPDL-high, based on
(a) nonorthorhombic (from the (110) and (200) diffraction peaks) and
(b) orthorhombic (from the (001) diffraction peak) unit cell systems.

axis (stretching direction). The term (cos® ¢ ) is defined as

/2
/ I(¢) cos® ¢ sin ¢ d¢
(cos® ¢y =2

7 (2)
/O 1(¢) sin ¢ d¢p

where I(¢) is the scattered intensity along the angle ¢.
However, since there is no crystal plane of symmetry perpen-
dicular to the PPDL chain axis, Wilchinsky®' ~* suggested
that, for nonorthorhombic crystal systems, {cos> @) can be
calculated from (110) and (200) crystal reflections of PPDL
using the following expression:

(cos® ¢) = 1 — 1.452(cos® ¢;,9) — 0.458(cos* ¢yp0)  (3)

When chains are aligned perfectly along the reference axis, f =
1; when chains are aligned perpendicular to the reference axis,
f=—0.5, and for random orientation, f = 0. This formula was
proven useful to evaluate the crystal orientation during
stretching of PPDL-based copolymers.** ® Using eqs 1, 2,
and 3, crystal orientation factors of PPDL-low and PPDL-high
with strain were obtained, and the results are plotted in
Figure 8a. It was found that, at strain below 37%, the crystal
orientation factor of PPDL-low was higher than that of PPDL-
high. At strain between 37% and 41%, the orientation factors

of the two samples coincided. At strain above 41%, the
orientation factor of PPDL-low was again higher than that
of PPDL-high. Interestingly, although PPDL-high exhibited
much higher strain before fracture, the orientation factor of
PPDL-low before breaking was still higher than that of PPDL-
high before fracture.

l DISCUSSION

In our previous work,* we determined the crystal structure of
PPDL as having a pseudo-orthorhombic monoclinic unit cell
with dimensions of a = 0.749 nm, b = 0.503, ¢ = 2.000 nm, and
B =90.06°. Although PPDL is a polyethylene-like polyester, the
(001) diffraction peak of this sample was clearly observed (see
Figures 2 and 7, the diffraction ring was close to beam stop). In
contrast, for PE, the (001) diffraction peak is seldom observed
by WAXD. The appearance of the (001) peak enabled direct
calculation of the PPDL crystal orientation factor. Also, this
provided a unique opportunity to compare results calculated by
using Wilchinsky’s method and values obtained from the direct
analysis of the (001) crystal plane. Figures 2 and 7 display the
changes of the (001) peak azimuthal spread with strain. At high
strains, the (001) peak appeared as two parallel lines on the
meridian in WAXD patterns. Since 3 = 90.06° in the monoclinic
unit cell, we can assume, to a very good approximation, that the
PPDL crystal structure is an orthorhombic unit cell and then
calculate the orientation factor of PPDL-low and PPDL-high,
respectively, according to eqs 1 and 2.°” The results of these
calculations are shown in Figure 8b. Surprisingly, the orientation
factor obtained from the orthorhombic crystal system was always
less than that obtained from the nonorthorhombic crystal system
at the same strain. This indicates that the orientation of different
crystal planes along the stretching axis is not necessarily equiva-
lent. In addition, the intensity fluctuation should be considered
when analyzing the difference in orientation factors using non-
orthorhombic and orthorhombic crystal systems. Since the image
acquisition time was short and the intensity of the (001) peak was
much lower than those of (110) and (200) peaks, these factors
can affect the {cos® ¢) calculation using eq 2. In Figure 8b, we
observed that at strains less than 40% the crystal orientation
factor of PPDL-low was higher than that of PPDL-high and then
remained almost constant. However, at strains above 40%, the
orientation factor of PPDL-high continued to increase with strain
until 400%, leading to a higher c-axis chain orientation before
fracture than was observed for PPDL-low. At strains above 400%,
the orientation factor of PPDL-high remained almost constant.
Comparison of orientation factors of PPDL-high and PPDL-low
(Figure 8a,b) indicates that the different molecular entanglement
networks of PPDL-low and PPDL-high greatly affected the
crystal orientation during stretching, especially in the low strain
range (<40%).

Since M,, of PPDL-high was S times that of PPDL-low, the
initial entanglement points per chain are higher in PPDL-high
than those in PPDL-low.>*”" Schematic diagrams in Figure 9
illustrate the deformation of crystal and amorphous phases
during uniaxial tensile deformation for two PPDL samples,
diﬁering in chain length. According to the classic rubber-elastic
theory,”® the number of statistical chain segments (N,) between
the cross-linking points can be calculated from the maximum
draw ratio (A, assuming the effect of crystallinity as physical
cross-links is neglected, by the formula N, = M. For PPDL-
low and PPDL-high, the average values of N, are 6.8 and 49,
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Figure 9. Illustrations of deformation for PPDL-low and PPDL-high crystal and amorphous phases with different entanglement densities during

uniaxial tensile deformation.

respectively. Thus, the average chain length between adjacent
entanglement points in PPDL-high is 7 times that of PPDL-low.
Differences in interlamellar entanglement density can lead to
different structure changes upon deformation as was observed
herein by WAXD (Figure 6) and SAXS (e.g, the different long
periods and their changes in Figure 3B,D).

Mesomorphic phase formation induced by uniaxial stretching
was observed for both PPDL-low and PPDL-high samples.
Initially, the oriented mesomorphic phase formed simulta-
neously with orientation of crystals. Upon further deformation,
the mesomorphic phase partly transformed into oriented crystal
phase. Since transformation of the amorphous phase to oriented
mesomorphic phase leads to a large reduction in entropy, this
provides an explanation for the rapid decrease in the long period
as well as the rapid increase in total crystallinity during deforma-
tion. One way to view the mesomorphic phase is it functions as a
bridge for transformation between crystal and amorphous phases.

Many theoretical and experimental studies performed™* >
agree that the molecular entanglement network plays a dominant
role in strain hardening behavior. For example, Kennedy and
Mandlekern et al.*>*" argued that the upsweep in the stress—strain
curve in semicrystalline polymers, such as high density poly-
ethylene (HDPE), is usually due to strain-induced crystallization
behavior. For PPDL-low, the entanglement density is not
sufficient to produce strain hardening before fracture. In contrast,
for PPDL-high, the higher entanglement density results in strain
hardening in the stress—strain curve.

Bl CONCLUSIONS

In this study, in situ X-ray experiments were performed to
investigate the changes of crystal structure and morphology
during deformation of polyethylene-like polyesters, poly-
(pentadecalactone), PPDL, of different molecular weights were

synthesized by enzyme-catalyzed ring-opening polymerization.
The X-ray analysis included synchrotron wide-angle X-ray diffrac-
tion (WAXD) and small-angle X-ray scattering (SAXS) measure-
ments coupled with uniaxial stretching performed using an Instron
instrument.

The high molecular weight PPDL (PPDL-high) exhibited a
strain-hardening phenomenon during uniaxial stretching at room
temperature (25 °C), while the low molecular weight PPDL
(PPDL-low) did not. The results indicate that the average length
between the entanglement points (i.e., the entanglement length)
is an important factor that affects the structure changes in PPDL
during stretching. On the basis of the slope changes, both PPDL-
low and PPDL-high plots of total crystallinity with strain could be
divided into four regions, which differed in corresponding strain
regions. The mesomorphic phase formed during uniaxial stretch-
ing reached a maximum value with strain. The mesomorphic phase
functions as a bridge for transformations of crystal and amorphous
phases during uniaxial stretching. The SAXS results also verified
the effect of entanglement density on the deformation-induced
structure changes, which are in agreement with the WAXD results.

Although PPDL is a polyethylene-like polyester, the (001)
diffraction peak of this sample was clearly observed. In contrast,
for PE, the (001) diffraction peak is seldom observed by WAXD.
Thus, for PPDL, we had the unique opportunity to compare the
results calculated by the Wilchinsky’s method and the values
obtained from the direct analysis of the (001) crystal plane. Based
on methods developed by Wilchinsky, calculation of the chain
orientation factors (f) for PPDL-low and PPDL-high samples
were made. The results indicate that the orientation processes
during uniaxial stretching were different for PPDL-low and
PPDL-high. The crystal orientation factors calculated using
Wilchinsky’s method were comparable with those determined
directly from the analysis of the orthorhombic unit cell. Both
WAXD results were also in agreement with the crystallinity
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analysis from WAXD and the lamellar analysis from SAXS. The
above observations further confirm that the different molecular
entanglement networks formed in PPDL-low and PPDL-high led
to different chain orientation during stretching, especially in the
low strain region (<40%).
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